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Introduction
Nanocrystalline metals (those with grain sizes below 100 nm) represent the extreme of grain refinement, garnering a great deal of attention for their promise of exceptional strength. In addition, the emergence of novel, grain boundary-dominated deformation mechanisms such as grain boundary dislocation emission [1] [2] [3] , grain boundary sliding [4, 5] , grain rotation [6] [7] [8] , and grain boundary migration [9] [10] [11] has sparked a flurry of scientific interest. While a great deal of research on nanocrystalline materials has focused on basic mechanical properties such as yield strength and hardness, limited resources have been directed towards the evaluation of more complex mechanical behaviors, including abrasion and wear. For traditional engineering metals, wear resistance can often be related simply to hardness through the Archard equation, which states that the volume of material worn, V, is inversely proportional to hardness for a given set of test conditions [12] :
where K is called the wear coefficient, l is the sliding distance, P is the applied load, and H is hardness.
Nanocrystalline materials generally have a high hardness and are often produced as films; this naturally lends them to coating applications, making their wear properties of great practical importance. Early studies of wear in nanocrystalline metals seem to point to an adherence to the Archard equation [13] [14] [15] [16] , although very limited data is available for the finest grain sizes (average grain size below ~20 nm), where the shift to boundarydominated deformation occurs and the most pronounced deviations from the Hall-Petch scaling law are observed. To gain a more complete understanding of how the shift to grain boundary-dominated deformation physics affects the wear response of nanocrystalline metals, a systematic study across the full range of grain sizes over which the Hall-Petch breakdown occurs is needed.
There are several practical roadblocks to producing nanocrystalline material over a wide range of grain sizes, especially spanning the range over which mechanism transitions occur (~5 to 50 nm). Many of the common techniques for processing nanocrystalline materials can access only small ranges of grain size, or cannot produce sufficient bulk quantities of material for full-scale engineering wear testing [17] .
However, electrodeposition can produce nanocrystalline metals with average grain sizes over a very broad range, from the conventional micrometer-scale to near the amorphous limit [7, 16, [18] [19] [20] [21] [22] [23] [24] [25] [26] [27] [28] . The Ni-W system is of particular interest, because in this system reverse pulse deposition waveforms can be used to control grain size over a broad range (~2 to 200 nm) [29] , with all deposits in this range being single-phase FCC solid solutions with a small amount of grain boundary segregation that stabilizes the structure [30, 31] .
Here we report on the wear response of nanocrystalline Ni-W with average grain sizes in the range of 3 to 47 nm using a pin-on-disk testing methodology. Across this range of grain sizes, we explore the influence of microstructure and mechanical properties on wear properties. While the coarser microstructures appear to follow Archard's equation, a deviation from Archard behavior is found for the finest grain sizes where grain boundary deformation mechanisms dominate; in these materials, wear resistance is higher than would be expected based on hardness alone. This deviation is traced to a dynamic microstructure where grain size and grain boundary character evolve under the repetitive sliding load, which in turn alters the mechanical response during testing.
Materials and Methods
Experimental specimens were prepared using the pulsed electrodeposition technique of Detor and Schuh [29] , with the same bath chemistry and deposition conditions. Circular steel substrates were prepared for deposition by mechanical polishing, followed by pickling with hydrochloric acid and electrocleaning following ASTM Standard B183-79 [32] . This substrate acted as the cathode during the deposition process, with a platinum mesh anode. The deposited coatings were approximately 50 µm thick, and a range of samples with different grain sizes were produced by tuning the applied current waveform and plating temperature following [29] . After deposition, each sample was mechanically polished to a root-mean-square roughness of less than 20nm.
Each specimen was characterized by energy dispersive spectroscopy (EDS) in a Leo 438VP scanning electron microscope (SEM) operated at 20 kV to measure the composition. X-ray diffraction (XRD) profiles were then obtained using a PANalytical X'Pert Pro diffractometer with a Cu Kα radiation source operated at 45 kV and 40 mA.
The XRD profiles were used to ensure that all specimens were indeed polycrystalline FCC solid solutions and to estimate the average grain size to within ±15% by applying the Scherrer equation [33] to the (111) peak after subtracting instrumental broadening.
These grain sizes were also verified by transmission electron microscopy (TEM) in bright field imaging mode. Each grain was manually identified and traced, and then the equivalent circular diameter was calculated. TEM specimens were prepared using the focused ion beam (FIB) in situ lift-out technique [34] and examined in a JEOL 2010 operated at 200 kV. The measured compositions and grain sizes for the eight different specimens studied here are included in Table 1 . We note that in the present alloy system, W is a grain refining element owing to its subtle tendency for grain boundary segregation [30, 31] ; accordingly, across the samples in Table 1 , grain size decreases as W content increases.
Traditional Vickers microhardness was measured using a LECO model LM247 indenter with an applied load of 10 g and a 15 s hold time. Wear tests were carried out with a CSM Instruments pin-on-disk tribometer. Specimens were held in a self-centering chuck and rotated for 10,000 cycles with a constant normal load of 5 N applied 8 mm from the axis of rotation; the total sliding distance for a typical test was therefore about 500 m. A tungsten carbide sphere with hardness of 22 GPa and a 6 mm diameter was used as the counter-body. Three different discrete sliding speeds were used in this work: 0.15, 0.05, and 0.015 m/s, and the friction coefficient (µ) was measured during each test.
The morphology of the wear tracks was investigated by a combination of SEM and surface profilometry using a KLA-Tencor P-16 stylus profiler. SEM imaging allowed for an investigation of wear mechanisms, while profilometry was used to provide a quantitative measurement of wear volume. Due to the irregular surface of the wear track, with a discontinuous transfer layer and numerous peaks and valleys, individual two-dimensional line scans were found to be generally imprecise in characterizing the wear track. In order to improve the statistics of the measurements, three-dimensional scans such as shown in Figure 1a were carried out at several points on the wear track.
These data were then averaged along the wear direction to calculate the representative cross-sectional area of the targeted section of the wear track. An example showing the assessment of the representative wear track cross section is shown in Figure 1b . On such cross-sections, the area both below and above the initial surface was integrated and multiplied by the track length to determine the total wear volume.
After the completion of wear experiments, characterization of the worn material was also carried out using the various methods already described above. Extensive use was made of the FIB lift-out technique to permit TEM observations in the wear track region, including cross-sectional views perpendicular and parallel to the sliding direction.
Wear of nanocrystalline Ni-W
Since wear has traditionally been linked to hardness as, e.g., by Eq. (1), we begin by investigating the relationship between hardness and microstructure in our deposits. Table 1 , and although it is not shown explicitly here, we find that the present measurements align closely with those reported by Detor and Schuh [29] , who used the same processing method to render a similar set of specimens. Our three largest grain sizes (26, 30 , and 47 nm) all lie in the range where Hall-Petch scaling is expected:
where H is the measured hardness, H o is the hardness of a single crystal, k is a material constant, and d is average grain size. The Hall-Petch exponent, n, is usually taken as ½, and indeed, our three largest grain sizes are fitted well by a power law with this exponent, as shown in Figure 2 . At grain sizes of 15 nm and below, we observe the expected breakdown in Hall-Petch scaling. In the Ni-W system, the Hall-Petch breakdown is normally characterized by a plateau in hardness at the finest grain sizes for conventional (low-rate) testing [29] , whereas a peak and "inverse" Hall-Petch regime are seen primarily at higher deformation rates [35, 36] . The activation volumes and energies have also been measured in prior studies on Ni-W across this range of grain sizes, and verify the expected shift from traditional dislocation mechanisms to grain boundary-dominated deformation mechanisms at the finer grain sizes [35, 37] . The results in Figure 2 are found to be in line with these prior studies of mechanical properties of nanocrystalline Ni-W, and the range of grain sizes covered by the present work spans the mechanistic transition regime.
To systematically study the wear response across this range of grain sizes, pin-ondisk experiments were run at a sliding speed of 0.15 m/s. In all of our wear tests, the friction coefficient exhibited a transient increase from near zero to a steady-state value after approximately 500 cycles, and then stayed at this value for the remainder of the experiment. The steady-state friction coefficients for all of the specimens fell in the range of 0.60 to 0.67 ( Table 1) denoted by the arrow. In these images, surface plowing from asperities and a flaking and cracked transfer layer can be seen; some patches of the transfer layer are identified by dotted white arrows. EDS and XRD of the wear track showed that the transfer layer is mainly FCC Ni(W) with small amounts of tungsten and nickel oxides. In Figure 3c , a cross-sectional TEM view revealing the structure of the transfer layer is shown for a specimen with a grain size of 3 nm. In this image, the sliding direction is into the page and the dotted white line denotes the true surface of the specimen; the material above the surface is the transfer layer, which is about 500 to 550 nm thick in this region. Obvious pores and cracks can be seen in the transfer layer, as well as a grain size similar to the asdeposited value. The transfer layer also appears to be comprised of a number of discrete layers, suggesting a process of gradual galling that built it up over a number of consecutive counterbody traversals. Figure 4 presents the quantitative measurements of wear in the Ni-W specimens, with wear volume plotted against grain size in Figure 4a . Table 1 also includes the wear volume measurements. For the entire range of grain sizes studied, wear volume decreased with decreasing grain size, following a consistent trend that is surprisingly well described by a power-law with a grain size exponent close to ½. This trend is expected for the grain sizes larger than ~25 nm, where Hall-Petch hardness scaling is observed, grain refinement leads to significant hardening (H o is negligible), and thus the combination of Eqs. (1) and (2) predicts that V  d 1/2 . However, it is surprising to see this trend continue into the range of the finest grain sizes below 15 nm, where the hardness plateaus (cf. Figure 2 ) and the ½-power law is no longer expected.
The dotted blue line in Figure 4a shows the expected wear volume based on the Archard equation, i.e., by using Eq. (1) with the experimentally-measured values of hardness from Figure 2 . If wear volume were in fact inversely proportional to hardness for all of our specimens, a plateau would have been observed in Figure 4a . The deviation of the data from the dotted line thus suggests that the Archard equation is no longer obeyed at grain sizes below about 10 nm. This is more directly revealed in Figure 4b , which plots the expected scaling between hardness and wear volume directly; a linear trend is expected in Figure 4b according to the Archard equation, and, for the larger grain sizes, the proportionality is well-obeyed with a wear constant of K = 1.53 x 10 -5 . Again, however, the experimental data suggest that the smallest grain sizes wear less than expected.
To investigate the possibility of wear-induced hardening, microhardness measurements were carried out directly atop the wear tracks. Indentations were placed in flat sections of the wear track, and a low load of 10 g was used in order to only probe material near the surface. Special care was taken to avoid placing indentations in the transfer layer, and thus the measurements are reflective of the base material. The typical indentation width in these experiments was ~5 μm, much smaller than the width of the wear tracks (150-450 μm), while the depth of the indentations was ~700 nm. The hardness measurements from the wear track are presented in Figure 5 , along with the measurements from the as-deposited (unworn) material (which are the same as those presented in Figure 2 ). The difference between the wear track hardness and as-deposited hardness (ΔH) is plotted against grain size in the inset to Figure 5 , showing that the hardening of the wear track becomes more pronounced at the finest grain sizes.
Significant hardening (beyond the uncertainty) occurs only for grain sizes below about 10 nm.
Taken together, the results in Figs. 4 and 5 suggest that the apparent breakdown of the Archard equation is correlated with wear-induced hardening in the wear track. Both of these phenomena occur at grain sizes below about 10 nm, and become more pronounced at finer grain sizes.
Near-surface microstructure
Microstructural changes are often observed near wear surfaces in traditional microcrystalline materials, most commonly in the form of a dislocation substructure [38] [39] [40] , a mechanically mixed layer [38, 41, 42] , or a nanocrystalline tribolayer [39, [41] [42] [43] .
Such microstructural refinement can result in a hardened surface and is often explained as being caused by frictional heating or highly localized deformation near the surface.
However, these concepts do not translate in any straightforward manner to the present nanocrystalline Ni-W specimens. With as-deposited grain sizes as fine as 10 nm or even less, it seems unlikely that wear can cause any further grain refinement, and even if it did, it is unclear how this could account for the hardening observed in Figure 5 , as the Hall-Petch breakdown in Figure 2 suggests that finer grains are not expected to lead to higher hardness in the range of interest. Accordingly, classical microstructural refinement arguments cannot be applied to the present observations, and direct observations of the worn material microstructure are required.
To investigate the possibility of near-surface microstructural changes in Ni-W during the sliding wear process, TEM lamellae were cut from the wear track using FIB. specimen transitions to one with more discrete spots in the wear specimen. The grain growth layer in the worn specimen is very distinct, sharply separated from the base material beneath, which seems to exhibit the as-deposited structure with an average grain size in the range of just a few nanometers. The thickness of the grain growth layer was found to be in the range of 100 to 300 nm, depending on the location of the measurement;
in Figure 6f , the thickness is about 160 nm. TEM lamellae were also taken from the alloy with an initial average grain size of 6 nm to compare the bulk and wear track microstructures. A very similar grain growth layer was observed at the wear surface for this specimen, although TEM images are not included here. In this case, the microstructure coarsened to an average grain size of about 25 nm.
To investigate the possibility of anisotropic structural evolution in the grain growth layer, TEM lamellae were also obtained to reveal cross-sections along the sliding direction. Figures 7a and b show the microstructure at the wear surface from a specimen with d o = 3 nm when the sliding direction is into the page and in the plane of the page, respectively. No major differences can be seen between the two orientations, although there may be some evidence of shearing in the microstructure in Figure 7b that is not present in that of Figure 7a .
It is interesting to note that the grain growth layer we observe in these samples is only ~300 nm thick, whereas the hardness measurements used to establish the presence of wear-induced hardening in Figure 5 involved indentations that were somewhat deeper (700 nm). Accordingly, the data in Figure 5 underestimate the true hardening in the wear track, as they sampled both the grain growth layer and nominally virgin material beneath it. An interesting corollary of this is that the deviation from Archard's law shown in Figure 4b persists even if the data are plotted against the post-wear hardness values instead of the as-deposited hardnesses. If clean hardness measurements could be obtained from the very thin ~300 nm grain growth layer, we expect that the wear volume may correlate linearly with them. However, even nanoindentation measurements are unreliable at the very fine (~30 nm) depths that would be required to probe the grain growth region without any convolution from the virgin material beneath it, so this speculation must remain unproven at present. It is interesting and somewhat counterintuitive that the wear-induced hardening we see here is associated with grain growth at the surface during the wear process; grain growth is normally associated with softening. This nominally unexpected result is due to the complex nature of structural evolution in a nanocrystalline system that contains a significant alloying addition. As shown in the work of Detor and Schuh [44] , under annealing conditions, nanocrystalline Ni-W alloys can undergo several concurrent processes of structural change, including grain growth, grain boundary relaxation, precipitation of intermetallic Ni 4 W, and short-range chemical ordering of W in the FCC solid solution. All of these changes can in principle affect the mechanical properties, and thus the intuitive relationship between grain growth and softening is oversimplified for such alloy systems. In the present case, we can rule out several of the above structural changes in the worn material. For example, our TEM and XRD investigations revealed no trace of second-phase precipitation of Ni 4 W, while analysis of TEM diffraction patterns shows no signature of the chemical short-range ordering which has been observed in annealed Ni-W specimens. In light of these observations, we expect that the primary structural evolution processes that occur during wear of Ni-W are grain growth and grain boundary relaxation. Whereas the first of these may cause softening or result in no change in strength (depending on the extent of grain growth), grain boundary relaxation is well established as contributing to hardening in both Ni-W alloys [44] and other nanocrystalline metals [45, 46] , owing to loss of excess boundary dislocations and reduction of stress concentrations at boundaries.
Discussion
To develop expectations for the combined effect of grain boundary relaxation and grain growth on hardness in Ni-W, we examine the data of Detor [47] , who annealed nanocrystalline Ni-W samples of the same kind as used in this study. From the many different annealing treatments used by Detor, we compile here all of those which involved grain boundary relaxation and grain growth, excluding all of the data that involved intermetallic precipitation. These samples were generally exposed to low temperatures (below 600º C) for relatively short times (generally less than 24 h and always less than 72 h); full details of the treatments may be found in Ref. [47] .
The hardness of such annealed specimens is plotted in Figure 8 , along with our measurements on as-deposited specimens. For the sample with an initial grain size of d o = 3 nm, upon annealing the structure initially hardens due to grain boundary relaxation without any change in grain size. Subsequent further annealing leads to grain growth, although the hardness versus grain size relation now follows a curve that is shifted above that for the as-deposited samples. This trend of grain boundary relaxation followed by grain growth is also followed in the annealed sample with an initial grain size of d o = 18 nm. In both cases, we observe that an evolved, coarser microstructure can in fact be harder than an as-deposited, finer microstructure. This provides an important point of validation for our wear results, where wear-induced coarsening and hardening were found to occur together.
Another interesting point shown in Figure 8 is that, for two alloys coarsened to a given final grain size, the material with the smaller initial grain size will be harder. This is likely because the initial materials in this case have different alloying additions; the finer grained specimens have more tungsten, and thus even when coarsened to the same grain size, have higher strength due to solution strengthening effects. Such trends are consistent with our observation that the d o = 3 nm structure hardens more during wear than the d o = 6 nm structure for coarsening to a similar final grain size, and thus explains why deviations from the Archard law become more severe as grain size is reduced.
A final interesting point that can be taken from the annealing studies of Detor is that the level of coarsening we observe in the worn specimens corresponds to a relatively severe thermal treatment: exposure to 600 °C for more than 3 hours would be necessary for grain growth to occur to the extent experienced by our wear specimens (coarsening from 3 to 20 nm) [47] . This observation will motivate the discussion of coarsening mechanisms in the following sections.
Driving forces for microstructural evolution
As mentioned previously, the most common driving forces for microstructural change during wear are frictional heating and highly localized deformation; in this section we consider these two possibilities in turn, and identify the cause of the structural evolution in our worn samples.
Frictional heating
We first explore surface heating due to friction. The above discussion shows that thermal exposure can certainly lead to the kinds of structural changes and hardening we observe, but it is not clear whether our wear conditions cause sufficient frictional heating to account for such changes. To explore this possibility, we consider the model of Kannel and Barber [48] , which is based on one-dimensional transient heat flow analysis, with frictional heating at the contact point and heat removal occurring by conduction into the substrate and convection at the surface; heat loss to the tungsten carbide counter-body is accounted for by using the Blok postulate [49] . Their model is specifically applicable to a pin-on-disk geometry, and time-averages the heat transfer over individual cycles.
The maximum temperature occurs at the surface since this is where the heating occurs during sliding contact, and the local surface temperature is written as:
where h s is the heat transfer coefficient for convection (~20 W/m 2 -K in air), t is time, and K, ρ, and c are the thermal conductivity, density, and specific heat, respectively, of the substrate material. Q A is the frictional heating power per unit area, and is given by:
where µ is the friction coefficient, P is the normal load, v is the sliding velocity, and A S is the surface area of the wear track. For our nanocrystalline Ni-W alloys, the thermal conductivity (94 W/m-K [50] ) and specific heat (0.444 J/g-K [50] ) of Ni was used while the density was calculated using a rule of mixtures and the densities of Ni (8.9 g/cm 3 [50] ) and W (19.3 g/cm 3 [50] ). The WC counter-body was assigned a thermal conductivity of 84 W/m-K [50] .
The form of Eq. (3) is such that temperature increases steadily with time, at least in part because conduction is only considered in the direction normal to the surface, ignoring radial heat loss to the substrate. The model thus neglects the evolution to a steady state condition that is expected in experiments, and it provides upper-bound estimates of the achievable temperatures at the surface. For our purposes, and in the spirit of assessing the true upper-bound temperature that might be achieved during our experiments, we evaluate the temperature at the end of our tests; for a sliding speed of 0.15 m/s, t = 3333 s is used. The output of the model is also relatively insensitive to grain size or alloy composition, with only small variations resulting from the different coefficients of friction (Table I) and densities. Again in the spirit of assessing an upperbound, we report here the results using the properties of the alloy with d o = 3 nm, which give the highest temperatures by a slight margin For these conditions, we calculate the upper-bound expectation value for local frictional heating in our experiments using Eq. (3) as ~500º C. Even if this value is assumed to hold over the entire duration of a 1 hour experiment, the total thermal exposure is low for these alloys; recall our comparison with the thermal annealing study of Detor in the previous section, which suggested a thermal exposure of 600º C for more than 3 hours would be required to explain the degree of coarsening seen in these wear experiments. Recognizing that the predicted surface temperature rises gradually, the specimen spends most of the test at temperatures well below 450 °C, where grain growth is not observed in these alloys [44] . We conclude that the temperature was certainly not high enough for a sufficient period of time to explain the grain growth in our specimens.
We further verify that frictional heating is not responsible for the observed structural evolution in our samples through a set of additional experiments. Specifically, wear tests were run at slower sliding speeds, which results in less frictional heating and leads to lower surface temperatures via Eqs. Wear volume is plotted against grain size for the three different sliding speeds in Figure 9a . Lowering the sliding speed causes the entire wear volume curve to shift down such that, for a given grain size, less wear damage is observed as sliding speed decreases.
Such behavior is normal in many sliding wear situations, as lower speeds result in lower interface temperatures [49] . It is essential to note that no plateau was observed in the wear volume curve for any given sliding speed; the least wear damage occurred at the smallest grain size for each speed. Thus, the deviation from Archard-law behavior (which would lead to a plateau in Fig. 9a ) persists at the lower sliding speeds.
To confirm that near-surface microstructure evolution still occurred at slower sliding speeds, where frictional heating effects can be effectively ruled out, TEM specimens from the wear track were taken from the d o = 25 and 3 nm alloys tested at 0.05 m/s. For the specimen with d o = 25 nm, like the specimen tested at the original sliding speed, no significant changes were observed in the microstructure near the wear surface.
Bright-field TEM micrographs from the d o = 3 nm specimen are presented in Figures 9c and 9d, with a similar micrograph taken from the same alloy tested at the original sliding speed (0.15 m/s) included in Figure 9b for comparison. Figure 9c shows a distinct grain growth layer above the bulk microstructure, as well as a fine transfer layer at the surface (which is located above the dashed line). Figure 9d presents a magnified view of the region denoted with a white box in Figure 9c , where the coarsened microstructure can be more clearly observed. The thicknesses of the grain growth layer are about the same in the micrographs from the 0.15 m/s specimen and the 0.05 m/s specimen (~175 nm), although the grain size is slightly higher for the faster sliding condition. The main point here, however, is that at lower sliding rates where the surface temperature is expected to be sufficiently low that it cannot, by itself, cause microstructure coarsening over the timescales of our tests, we still observe a similar degree of structural change after wear.
This result, combined with our calculations based on Eq. (3) above, strongly suggests that frictional heating, while it may contribute mildly to coarsening, is not the primary cause of microstructural evolution at the surface during wear.
Deformation-driven structural evolution
The highly localized deformation that occurs at the surface during sliding contact is next considered as a possible cause of microstructural evolution. Recent studies have found evidence of deformation-induced grain growth in pure nanocrystalline metals, such as Al [51, 52] , Ni [8, 53, 54] , and Cu [55] [56] [57] , as well as nanocrystalline alloys, such as Ni-Fe [58, 59] and Co-P [60] . This grain growth is thought to result from a combination of grain boundary migration and grain rotation caused by the extremely high stresses that develop in a nanocrystalline structure during deformation. Recent results from simulations [9] and experiments [61] point to shear stress in particular as the driving force for such grain growth. In addition, Gianola et al. [51] have shown that deformation-induced grain growth commences during the early stages of plastic deformation and can significantly affect subsequent material response.
To obtain a better understanding of the deformation which occurs near the surface during sliding contact, we consider the stress fields created by a sliding spherical contact.
Hamilton [62] provides a set of explicit equations for the subsurface stresses under a sliding spherical contact, assuming only elastic deflections. These equations are only truly rigorous for an idealized geometry, and neglect many details of asperity contact, roughness, etc. However, it does permit us to estimate the stress fields experienced during wear, and to identify the locations where significant plasticity may be expected.
We evaluate the equations of Hamilton using the following inputs: Young's moduli of Ni (207 GPa [63] ) and WC (680 GPa [50] ), Poisson's ratio of Ni (0.31 [63] ) and WC (0.24 [50] ), friction coefficient μ = 0.66 (Table I) and WC counterbody diameter of 6 mm. Due to the importance of shear or distortional energy for deformation-induced grain growth [61] , the von Mises stress was chosen as the measure of interest. Contour plots of this quantity on a plane through the center of contact with the counter-body are presented in Figure 10 . Figure 10a shows the distribution of von Mises stress below the contact for the stationary case, i.e., with only a normal force applied and no sliding. In this limit, the equations reduce to the well-known Hertzian model for sphere-on-plate contact, with a region of maximum stress below the contact surface at a depth of ~1/2 the contact radius (~40 μm in the present case). As a tangential force is added in the positive x-direction, the stresses within the material increase, the region of maximum stress rises toward the surface, and a new region of high stress appears at the trailing edge of the sliding contact.
The contours of the von Mises stress beneath the surface for our experiments are presented in Figure 10b . The relatively high frictional force (with µ = 0.66) causes the region of highest stresses to occur at the sliding surface, at the trailing edge of the contact; unlike a normal contact, the subsurface maximum stress region is no longer present. Figure 10c presents a magnified view of the stress contours where they are highest; the maximum stress occurs at the contact surface and falls off quickly away from the surface. This provides a first indication that a thin layer of material closest to the surface experiences plasticity in these experiments. A more quantitative argument can be developed by using a modified Tabor relation, H = 3.8•σ y known to apply to nanocrystalline Ni [64] , to estimate the yield strength of our specimens. For the range of grain sizes where we observe grain growth in the wear track, the hardness is about 6.8 -7.1 GPa, leading to estimated yield stresses of 1.8 -1.9 GPa. Close examination of 6, 7, and 9 ). This lends support to the notion that the local plasticity caused by sliding contact results in grain growth.
Additional support for a mechanical grain growth mechanism was found through a detailed microscopic examination of the grain growth layer. While the average grain size is significantly increased in the grain growth layer, small grains characteristic of the initial microstructure are still observed. Figure 11a shows the grain growth layer from a Fig. 11b . However, annealing causes a self-similar shift in the distribution whereas the wear-induced grain growth does not; mean-normalized grain size distributions for the same three specimens are presented in Figure 11c . The grain size distribution of the worn material has broadened and changed shape, characteristic of abnormal grain growth. This provides further evidence that the grain growth in the wear track is predominantly mechanically-driven, as frictional heating would have led to normal grain growth.
As a final point of discussion, we note that although thermally-driven grain growth is known to be accompanied (or preceded) by grain boundary relaxation [44] , the state of grain boundary relaxation after mechanically-driven grain growth remains an open research topic. The present data show that wear induces both grain growth and hardening in nanocrystalline Ni-W, and we view this as primary evidence that mechanical grain growth also involves grain boundary relaxation. We are unaware of significant corroborating data in the literature, although it is interesting to note that molecular dynamics simulations of nanocrystalline Ni [65] show that mechanical deformation causes changes in grain boundary and triple junction structure which resemble those experienced during thermal grain boundary relaxation. In both cases, atomic shuffling and short-range diffusion work to create an equilibrium structure where the number of grain boundary atoms less than 12-coordinated is minimized. With this in mind, it seems likely that the high stresses which cause coarsening near the wear surface may also cause local changes in the atomic boundary structure, resulting in a hardened grain growth layer.
Conclusions
The sliding wear of nanocrystalline Ni-W alloys with grain sizes from 3 to 47 nm was studied experimentally. To our knowledge, the experiments presented here represent the first systematic study of wear in a single nanocrystalline system spanning the entire Hall-Petch breakdown, across which the mechanisms of deformation shift from being intra-to intergranular. The phenomena observed here provide insight on the superior wear properties of nanocrystalline alloys, which are finding increasing use in tribological applications. The following conclusions can be drawn:
 Nanocrystalline Ni-W alloys exhibit excellent wear properties, with wear resistance continually increasing as grain size decreases. At the finest grain sizes, they wear considerably less than would be expected based upon their as-deposited properties.
 The unexpectedly high wear resistance at grain sizes below 10 nm is traced to significant wear-induced hardening at the surface. Such hardening leads to deviations from the Archard relation, which linearly relates hardness and wear resistance.
 Wear-induced microstructural evolution is observed in the alloys which exhibit significant wear-induced hardening. Specifically, a surface layer with a thickness of a few hundred nanometers exhibits significant grain growth (from, e.g., 3 to 20 nm).
Along with such grain growth, grain boundary relaxation is also expected, and these changes are associated with an increase in hardness after wear. A similar degree of grain growth caused by thermal exposure also leads to hardening of a similar magnitude in these alloys.
 Experiments and calculations suggest that frictional heating is not the main cause for the wear-induced structural evolution we see in the experiments. On the other hand, the stress state under the sliding contact suggests a plastic zone commensurate with the size of the grain growth layer seen in the wear specimens.
These results also provide evidence that the grain boundary-dominated mechanisms which control the plastic deformation of nanocrystalline materials can have unexpected consequences under complex loading conditions. Significant microstructural evolution is possible, which can result in a dynamic material response that may change with time in service. That this transient microstructure can, in fact, improve properties is a fortuitous outcome that may be exploited as nanocrystalline materials become increasingly integrated into mechanical systems. 
